X-ray diffraction (XRD) and transmission electron microscopy (TEM) were used to investigate the evolution of damage during implantation of 300 keV Eu ions at room temperature in AlN. At low fluence, a strain increase is observed in a buried layer where clusters of point defects and stacking faults (SFs) coexist. At higher fluence, a saturation of the strain is observed in this layer, and the XRD curves exhibit characteristic features which coupled with TEM results enable the identification of additional, spatially separated, dilated and contracted regions. From these observations, the following damage mechanisms are proposed. As the SFs grow by trapping point defects, a dense network of basal and prismatic SFs forms, which leads to the ejection of point defects from the buried damaged layer and consequently to the saturation of the strain. In this process, interstitials in excess migrate towards the undamaged bulk where they form clusters inducing large strain values. In contrast, defects ejected towards the surface either remain isolated or form isolated dislocation loops and SFs depending on their nature, i.e., interstitial or vacancy. This is probably the main difference with GaN where the defects ejected from the buried damaged layer contribute to the fast propagation of the dense SFs network towards the surface due to their relatively low formation energies. As a consequence, whilst nanocrystallization occurs at the surface of GaN, the relative confinement of defects and implanted atoms in the buried layer of AlN results in its amorphization, although at extremely high fluences ($10 17 Eu/cm 2
I. INTRODUCTION
Today's challenges in semiconductor industry include the integration of optoelectronics into standard microelectronics, in compliance with requirements of miniaturization, low cost and mass production, as well as the production of more efficient electroluminescent devices. To face these challenges, doping of semiconductors with rare earth (RE) elements has been proposed. In particular, the nitride-based III-V semiconductors with large band gaps have been investigated as promising host matrices for these elements. [1] [2] [3] Among them, AlN has the highest thermal conductivity, the largest band gap (6.2 eV), which should ensure a low quenching of luminescence, 4, 5 and strong potential for light emitters and detectors. For most applications, the doping process requires the introduction of rare earth atoms above the solid solubility limit with a good control of the concentration profile and the compatibility with conventional industrial technologies. These requirements are fulfilled by ion implantation that however generates defects along the ion paths which are detrimental to the structural and physical properties of the implanted material. In particular, dislocations and stacking faults are known to have adverse effects on optoelectronic properties of semiconducting materials. 6 A complete understanding of the damage mechanisms acting during implantation is thus necessary towards the design and manufacturing of high-performance and reliable devices. While many reports have already been published on the study of the microstructural modifications induced by ion implantation [7] [8] [9] [10] and more specifically RE ion implantation [11] [12] [13] [14] [15] into GaN, few were dedicated to AlN. [16] [17] [18] [19] These few works were mainly based on RBS/C and TEM experiments that are, respectively, sensitive to the lattice disorder and the extended defects. To obtain new insights into the understanding of the damage generated during ion implantation in AlN, we have taken advantage of the high sensitivity of the XRD technique to the lattice strain. As the strain mainly results from the defects generated by ion implantation, mechanisms such as recombination of defects and migration of interstitials have for example been detected in SiC, 20 thanks to XRD. In the present study, XRD experiments performed on Eu-implanted AlN are complemented with TEM experiments and compared to previous RBS/C measurements. 19 The results are here discussed in the light of those recently reported in GaN using similar procedures and conditions of implantation. 21 
II. EXPERIMENTAL DETAILS
Thick (0001) AlN films ($3 lm) from Technologies and Devices International Inc. grown by hybride vapor phase epitaxy on (0001) sapphire substrates were implanted at room temperature (RT) with 300 keV Eu ions to fluences ranging from 1 Â 10 13 to 1 Â 10 17 cm
À2
. Both channeled implantations along the c-axis and random implantations with the a)
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V C 2012 American Institute of Physics 112, 073525-1 surface normal 10 off the beam direction were performed. Calculations using SRIM code 22 give the mean projected range of ions, R P , at about 80 nm and the peak of damage (vacancies), R D , around 55 nm for the random configuration. Such calculations predict that the surface damaged layer is contained within the first 100 nm. The implanted samples were studied using x-ray diffraction (XRD) and transmission electron microscopy (TEM). XRD measurements were conducted in the Bragg (reflection) geometry on an automated laboratory-made two circles goniometer with the radiation K a1 of copper (k ¼ 1.5405 Å ) provided by a 5 kW RIGAKU RU-200 generator with a vertical linear focus in combination with a quartz monochromator. 23 h-2h scans were carried out near the (0002) Bragg reflection (2h B ¼ 36.02 ) using 0.005 stepping motors. For this reflection, the penetration depth of x-rays is significantly larger than the implanted layer which enables relative measurements of the strain by comparing the surface implanted layer to the underlying unperturbed bulk. According to the derivation of the Bragg's law, the strain along the surface normal, e N , is directly determined by plotting the h-2h curves against q [0001] /H (0002) , where q [0001] is the deviation from the reciprocal lattice vector H (0002) of the (0002) planes in the direction of the sample surface. In addition to strain, XRD curves carry information of disorder (clustering of defects, amorphization, etc.) via the static Debye-Waller factor Wh that weights the scattered intensity. [24] [25] [26] Cross-sections for TEM were thinned down to less than 10 lm by mechanical polishing, and then argon ion milled at low energy and LN 2 temperature in a Gatan PIPS. The TEM experiments were carried out in a JEOL 2010 F instrument operating at 200 kV. Both random and channeled implantations induce similar evolutions of strain and damage as a function of fluence as well as similar damaged structures as observed by TEM. In the following, only results obtained in the channeled geometry will be presented, but the discussion applies to both geometries.
III. RESULTS
In Fig. 1 are displayed XRD curves obtained after Euimplantation to different fluences in AlN. All curves exhibit a main sharp Bragg peak at q [0001] /H (0002) ¼ 0 resulting from the unperturbed bulk AlN diffraction and additional scattered intensity on the left of the main Bragg peak which is indicative of a dilatation of the lattice along the surface normal direction (for the non-implanted sample, not shown here, only the unperturbed bulk contribution is observed). At the fluence of 1 Â 10 13 cm À2 , a single satellite peak is observed at e N ¼ 0.38%. With increasing fluence, this satellite peak shifts towards higher values of strain up to e N ¼ 0.8% at the fluence of 4 Â 10 14 cm À2 . Such curves with a single and well-defined peak can be simulated using a Gaussian-like strain profile in accordance with the defect profiles calculated with programs such as SRIM. Above 4 Â 10 14 cm
À2
, the x-ray scattered intensity distribution is modified. Indeed, at the fluence of 5 Â 10 14 cm À2 , the satellite peak on the left of the Bragg peak shifts down to e N ¼ 0.7% indicating a relaxation of strain (see arrow in Fig. 1) , and scattered intensity appears on the right of the Bragg peak as a result of the contraction of the lattice in another region. At higher fluence, the distribution of intensity is broadened: it extends on the left of the Bragg peak from the satellite peak at 0.7%, which remains unchanged as the fluence increases (see dotted line in Fig. 1 ), to a maximum positive strain that increases with fluence. In parallel, the scattered intensity on the right of the Bragg peak shifts towards higher contraction values up to 3.3 Â 10 15 cm À2 and disappears at higher fluence. At 9 Â 10 15 cm
, the scattered intensity decreases from the peak at 0.7% down to the background level at a strain value around e N ¼ 5%. From this fluence, the maximum strain can no longer be determined. Above 9 Â 10 15 cm
, the satellite peak at 0.7% has disappeared.
The evolution of strain is plotted in Fig. 2 as a function of fluence ( Fig. 2 (a)) along with the damage level at the maximum of the damage profile ( Fig. 2(b) ) as measured from a previous RBS/C study. 19 The maximum strain values and values of strain at the satellite peak (positive e N ) as well as on the right-hand side of the Bragg peak, i.e., contraction values (negative e N ), are indicated. The values for the contraction are rough estimates as they are difficult to extract from the large peaks and shoulders observed on XRD curves. As can be noticed in the figure, whilst RBS/C results exhibit a single damage peak, XRD distinguishes three regions of different strain states. Second, at fluences lower than 1 Â 10 15 cm
, RBS/C appears to be insensitive to the damage: the measured damage levels are very low (<0.05). XRD however measures non negligible strain values (which indicate the presence of defects in relatively large concentration) and points out an increase of the strain at the satellite peak (up to 0.8%) as the fluence increases up to 4 Â 10 14 cm À2 which is referred to as the regime (i) in Fig. 2 . The next regime (ii) begins at the fluence of 5 Â 10 14 cm À2 with the relaxation of strain at the satellite peak which drops from 0.8 to 0.7% and the appearance of a negative strain. From then on, a positive strain from a distinct region appears to take place, and as the fluence increases in this regime, the strain at the satellite peak saturates whilst both positive and negative strains increase reaching large values. At the same time, the damage level as measured by RBS/C first increases slowly up to 1-2 Â 10 15 cm À2 and then more rapidly. In the last regime (iii), above 5 Â 10 15 cm
, the damage level increases slowly towards unity. The maximum strain can no longer be accurately determined, and few XRD data are available. It is however important to note that the satellite peak at 0.7% has disappeared at the fluence of 4.3 Â 10 16 cm À2 which implies a change in the damage mechanism. Figure 3 shows TEM micrographs of a sample implanted in channeled configuration at 3.3 Â 10 15 cm À2 for which a contraction peak is observed on the XRD curve. In Fig. 3(a) , a dark field micrograph taken using g ¼ 0002 in weak beam (WB) conditions shows a buried defective layer containing clusters of point defects (white dots). The Figure  3 (b) shows a less extended buried layer of planar defects visible as white horizontal segments under g ¼ 1 100 WB conditions. The comparison of micrographs taken with g ¼ 0002 and g ¼ 1 100 shows that the damaged region consists of three layers: (1) a surface layer (denoted by A on Fig.  3) , 40 nm thick, where few defects are observed, (2) a buried layer of 160 nm (B on Fig. 3 ) where both clusters of point defects and planar defects are observed in high concentration, and (3) in the rear part, a layer of $80 nm in width, free of planar defects but containing clusters of point defects (C on Fig. 3 ). As observed in HRTEM at the vicinity of the A/B interface ( Fig. 3(c) ), the A layer contains isolated extended defects whereas planar defects are observed in the B layer that are mainly basal stacking faults (BSFs). These BSFs are connected with prismatic stacking faults (PSFs) in much less concentration. 27 In the C layer, a gradient of contrast is observed meaning that the density of clusters decreases towards the bulk. With increasing fluence, the B layer shows longer and less frequent BSFs but does not evolve in width whilst the C layer extends deeper towards bulk (not shown here). In random configuration, this extension is largely responsible for the increase of the whole damaged layer from $130 nm to more than 200 nm in width when the fluence increases from 1.4 Â 10 15 to 1 Â 10 17 cm À2 (see Fig. 4 in Ref. 19) . At this last fluence, an amorphous layer has formed in place of the B layer: the amorphous layer (or the B layer at lower fluences) ends at a depth of about 100 nm where the C layer begins. This depth corresponds roughly to the end of the damaged layer as predicted by SRIM.
IV. DISCUSSION
A. Microstructural origin of strain
The whole damaged layer extends much deeper in the bulk than predicted by SRIM for random configuration. The gradient of concentration of defects in the C layer and the large increase in width of this layer with increasing fluence suggest a migration of defects from the B layer towards the undamaged bulk. We have already reported a similar occurrence in Eu-implanted GaN where the same three-layer structure was observed by TEM, 21 i.e., a surface layer that is the least damaged at low fluence, a layer with both SFs and clusters of point defects, and a layer containing solely clusters of point defects. The XRD curves of Eu-implanted AlN are also similar to those we previously reported for Euimplanted GaN. Especially, the presence of a satellite peak whose position remains unchanged over a wide range of fluence (e N ¼ 0.6%) was reported. Such peak indicates a saturation of strain in a localized layer of the implanted region. From this saturation, and similarly to the results of AlN, the scattered intensity distribution is broadened from the satellite peak to a peak at a maximum strain that increases with fluence. In GaN, the C layer containing clusters appears after the saturation of the satellite peak and evolves in width with increasing fluence as it does in AlN. Accordingly, the large tail of scattered intensity including the peak at maximum strain was attributed to the C layer and hence has to be attributed to the C layer in AlN. Moreover, the satellite peak at saturation in GaN remains after the nanocrystallization of the near surface region (layer A) that in principle impedes the diffraction of x-rays. Thus, the satellite peak in GaN, and in AlN in the present study, results from the diffraction of the B layer. This is consistent with the commonly admitted fact that stacking faults relax strains, [28] [29] [30] here in a region where the predicted concentration of defects is maximal as calculated by SRIM for the random configuration and measured by RBS/C. In the C layer, strain values larger than that in the B layer are measured as the strain induced by the large clusters is not counteracted by the formation of SFs. Therefore, the maximum strain is reached in the region where the concentration of clusters is maximal and the density of SFs minimal, i.e., in the C layer, close to the interface with the B layer.
B. Damaging processes
Previous RBS/C measurements performed by Lorenz et al. 19 suggest that Eu is nearly absent from the C layer of clusters. Thus, the clusters must be mainly of interstitial-type to induce the measured large positive strains. According to the SRIM code, interstitials should form approximately where the B layer of SFs forms in random implanted samples (see Fig. 4(b) in Ref. 19 ). Yet, the migration of interstitials during implantation induces a high concentration of clusters in the B layer as well as in the C layer. In the C layer, the combination of a high concentration of interstitials and large strain values does not induce the formation of SFs. Therefore, the SFs are not formed by a simple process of relaxation of strain by the clustering of interstitials. In contrast to the clusters, the SFs form in a layer whose width scarcely evolves with the fluence. According to SRIM calculations, this layer corresponds to the region where the maximum of energy is deposited through collision cascades. Therefore, small SFs and/or precursors like dislocation loops may form during the collision cascade process possibly by the overlapping of the dense cascades due to the high density of energy deposited by the heavy ions. In the B layer, further defects provided during implantation may either recombine, form clusters or be trapped by SFs that so grow in length. This would explain our present observations and those of Kucheyev et al. 31 in GaN where the average size of SFs is larger than the lateral size of cascades, meaning that SFs may not be formed in a single cascade but should instead result from a cumulative effect as their size increases with the fluence.
The defects which do not form SFs or large clusters in the cascades and which are not trapped for the growth of SFs are available for diffusion. With increasing fluence, as the network of SFs gets denser creating preferential diffusion paths for point defects, interstitials and vacancies in excess in the B layer migrate through the SFs network towards the bulk and the surface and are ejected from the B layer. Once ejected in the bulk (C layer), the interstitials obviously migrate easily being, at first, not trapped. They are indeed believed to be mobile at temperatures lower than RT in irradiated AlN. 18, 32 In the B layer, this flow out and more generally the interaction of point defects with SFs (including recombination and trapping of point defects) induce a relaxation of strain followed by a saturation of strain (see arrow and dotted line in Fig. 1 ) whilst the SFs continue to grow as observed by TEM and the RBS/C peak damage 19 still increases. In the C layer, migrating interstitials can agglomerate and form clusters that grow and become large inducing a low static Debye-Waller factor Wh, and hence, a low scattered intensity as observed at high strain values on XRD curves (see Fig. 1 ). Finally, the migration of interstitial-type defects is probably hindered in the C layer as the clusters become numerous and large increasing the probability of interaction between the defects and clusters. As the lowest Wh is obtained at the highest strain values, this means most probably that the interface between the B and C layer contains the largest clusters which act as traps for the interstitials ejected from the B layer. As a consequence, further migration of interstitials towards the undamaged bulk is inhibited leading to a frozen distribution of clusters in the C layer. The direct effect is that the distribution of x-ray scattered intensity does not change any more at high fluence. As seen in Fig. 1 , the XRD curves are indeed very similar between 4.8 and 9 Â 10 15 cm À2 except at high strain values where the low Wh leads to scattered intensities lower than the background level. This impedes the observation of the evolution of the strain at the B-C interface (maximum strain) where interstitials and clusters are likely to accumulate at high fluence.
C. Specificities of AlN with respect to GaN
The above processes are common to AlN and GaN implanted in the same conditions as shown by similar XRD results and three-layer damage structures. Both nitrides thus appear to have similar damaging processes. However, in GaN, the ejection of defects out of the B layer not only accelerates the damaging in layer C but also in layer A, which is visible on RBS/C spectra by the formation and strong evolution of a surface damage peak.
14 In this instance, the supply of defects from the B layer induces the formation of a dense SFs network at the surface, via enlargement of small SFs and SFs precursors, that eventually leads to nanocrystallization above $2 Â 10 15 cm
À2
. 21 From our TEM and XRD results, the following specificities of AlN with respect to GaN can be noticed: (i) a contraction peak is observed at medium fluence on XRD curves (positive q/H values), (ii) the network of SFs does not reach the surface which, therefore, does not nanocrystallize. This is in agreement with the observation by RBS/C of a single damage peak in the bulk and low damage levels close to the surface 19 whilst a bimodal evolution of damage is observed for GaN with a surface damage peak that grows higher than the bulk damage peak in concomitance with the surface nanocrystallization, 14, 21 (iii) amorphization occurs at very high fluence in the B layer resulting in the disappearance of the satellite peak on XRD curves.
The contraction peak is observed on XRD curves of AlN samples implanted in both random and channeled configurations. It theoretically results from a layer containing an excess of vacancy-type defects which has to be spatially separated from the dilated regions, B and C layers, to be observed by XRD. It thus probably results from an excess of vacancies located in the near surface region. Such an excess of vacancies close to the surface can be the consequence of the spatial separation of interstitials and vacancies in the collision cascades, the effect of which should be more pronounced with increasing fluence. The channeled and random configurations lead to different distributions of damage as measured from RBS/C (not shown here) and thus probably to different distributions of point defects. Therefore, these two configurations should induce different separations between the region of excess vacancies and the region of excess interstitials. 33 However, they lead to similar contraction peaks (comparison of samples having similar maximum strain values) characterized by large contraction values and high scattered intensities. Thus, in addition to the spatial separation of vacancies and interstitials in the collision cascades, another mechanism should contribute to the contraction of the lattice in the near surface region. As shown in Fig. 2 in regime (ii), the contraction peak appears at the same time as the relaxation of strain in the B layer as the result of the ejection of defects from this layer. From then on, the contraction value increases with the fluence as does the strain value in C layer (including maximum strain). The excess of vacancies inducing the contraction peak is thus probably enhanced by the ejection of defects from the B layer. However, both vacancies and interstitials are likely to migrate from the B layer towards the surface. Therefore, interstitials reaching the A layer probably condense into defects that relax strain, i.e., dislocation loops or SFs, thus enhancing the contraction induced by isolated vacancies. As suggested by our TEM observations and underlined by Wang et al., 34 BSFs observed in GaN and AlN result from the preferential condensation of interstitials on the basal planes (insertion of an extra plane). On the other hand, Wang et al. suggest that vacancies preferentially condense on pyramidal planes leading to the formation of PSFs. In AlN, the PSFs have formation energies that are higher than those of the BSFs of type I which are the main BSFs encountered in our samples (Table I) . This is in agreement with the observation of PSFs in much less concentration than BSFs in the B layer of AlN. Interstitials can thus form BSFs in the A layer whilst vacancies in excess stay isolated inducing a contraction of the lattice.
A Fourier-filtered (0002) HRTEM analysis performed on the first tens of nanometers of the damaged surface of the sample implanted at 3.3 Â 10 15 cm À2 has revealed the presence of typical defects that can account for the observed effect (see Fig. 4 ). The defect labeled (1) shows the presence of one additional (0002) plane and it corresponds to a partial dislocation that bounds a large BSF. No such vacancy SFs or PSFs are observed, but some vacancy dislocation loops (defect (2)) are disseminated in the A layer. They are characterized by a local collapse of one (0002) plane resulting from the condensation of vacancies. In this image, it is also worth noticing the faulting observed in inclined lattice planes (defect (3)), which could be the next step of the vacancy clustering mechanism. 34 The disappearance at high fluence of the contraction peak on XRD curves (Fig. 1) can thus be explained by the collapse of vacancies and vacancy dislocation loops into PSFs in agreement with the observation by HRTEM of a few PSFs in the A layer of samples implanted at high fluence. 27 In GaN, the formation energies of both BSFs and PSFs are comparable and low. Therefore, the defects which are supplied to the surface by the B layer of SFs and those produced in the cascades close to the surface are able to contribute to the formation of a SFs network which completely relaxes the strain (no contraction peak). Indeed, BSFs and PSFs form in similar concentrations in GaN whilst PSFs are found in much less concentration than BSFs in the B layer of AlN. Thus, the lack of connections in the SFs network (through PSFs) of AlN may hinder the migration and ejection of defects from the B layer. The absence of nanocrystallization of the surface of implanted AlN can thus be explained, in contrast to GaN, by the combination of the relative difficulty to form PSFs and the resulting hindered migration of defects. This also probably leads to the amorphization of the material as most of the defects and implanted ions are confined in the B layer. Therefore, despite similar defect processes in AlN and GaN, the difference of formation energies of SFs, especially PSFs (Table I) , leads to strongly diverging evolution in their microstructures at high implantation fluence.
V. CONCLUSION
Damage induced by 300 keV Eu implantation at RT into thick (0001) AlN films was investigated using XRD and TEM. At low fluence, a single satellite peak is observed by XRD and related to a buried layer located in a region where interstitials are in excess. This layer contains both clusters of point defects and SFs which partially relax the strain induced by interstitials. It is inferred that the large SFs are formed from precursors generated in the dense cascades that grow with fluence by trapping migrating point defects. With increasing fluence, the strain increases in this layer with the increase of defects concentration up to a strain saturation at 0.7%. From this saturation, the formation of two spatially separated strained layers in contraction and in dilatation on each side of the buried layer is evidenced. To explain our observations, the following scenario is proposed. Whilst SFs continue to grow by trapping point defects, defects are ejected from the strain-saturated layer of SFs towards the surface and the bulk where they form clusters and generate large strains. Similar processes have already been reported in Eu-implanted GaN where the same three-layer structure was observed by TEM along with a similar strain distribution. However, whilst the mechanisms of damage generation are identical in both nitrides, they do not lead to the same final microstructural state at high fluence which is largely due to the lower capacity of AlN to form SFs and more particularly PSFs. The lower density of SFs and especially PSFs in AlN appears to hinder the migration of point defects as compared to GaN. Moreover, defects generated in, or reaching, the near surface layer of AlN either remain isolated or form isolated clusters and SFs in contrast to the dense network of SFs in GaN. The relative difficulty to form SFs in AlN thus impedes the surface nanocrystallization as observed in GaN.
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